Thin solid films of metastable rocksalt structure ͑c-͒ Sc 1−x Al x N and Ti 1−x Al x N were employed as model systems to investigate the relative influence of volume mismatch and electronic structure driving forces for phase separation. Reactive dual magnetron sputtering was used to deposit stoichiometric Sc 0.57 Al 0.43 N͑111͒ and Ti 0.51 Al 0.49 N͑111͒ thin films, at 675°C and 600°C, respectively, followed by stepwise annealing to a maximum temperature of 1100°C. Phase transformations during growth and annealing were followed in situ using x-ray scattering. The results show that the as-deposited Sc 0.57 Al 0.43 N films phase separate at 1000-1100°C into nonisostructural c-ScN and wurtzite structure ͑w-͒ AlN, via nucleation and growth at domain boundaries. Ti 0.51 Al 0.49 N, however, exhibits spinodal decomposition into isostructural coherent c-TiN and c-AlN, in the temperature interval of 800-1000°C. X-ray pole figures show the coherency between c-ScN and w-AlN, with AlN͑0001͒ ʈ ScN͑001͒ and AlN͗0110͘ ʈ ScN͗110͘. First-principles calculations of mixing energy-lattice spacing curves explain the results on a fundamental physics level and open a route for design of novel metastable pseudobinary phases for hard coatings and electronic materials.
I. INTRODUCTION
Many transition-metal ͑TM͒ nitrides, e.g., TiN and CrN, form pseudobinary alloys with AlN in rocksalt structure ͑c-͒ TM 1−x Al x N. These alloys are extensively used to increase the lifetime and cutting speed of coated tools [1] [2] [3] and Ti 1−x Al x N is by far the most explored system within this field. It is superior to TiN, which oxidizes rapidly above 550°C leading to deteriorated mechanical properties. Ti 1−x Al x N, however, has an excellent oxidation resistance up to above 700°C ͑Ref. 4͒ due to a protective Al-rich oxide layer forming on the film surface. 5 It has also been shown that Ti 1−x Al x N coatings improve the cutting performance due to an age-hardening mechanism at high temperatures. 6 This age hardening has been explained by a spinodal decomposition process in which the metastable Ti 1−x Al x N solid solution decomposes into coherent isostructural c-TiN and metastable c-AlN without a nucleation barrier. When the metastable Ti 1−x Al x N phase is annealed, kinetic barriers for diffusion are overcome and spontaneous compositional fluctuations appear. The local fluctuations evolve into modulations that do not break the coherency of the lattice but instead induce considerable strain leading to age hardening. [7] [8] [9] This mechanism counteracts the normal lattice softening caused by defect annihilation seen in, e.g., pure TiN films. 10 The spinodal decomposition of Ti 1−x Al x N is by now well established, 6, 11, 12 where the material decomposes at a temperature of ϳ1000°C. At a temperature of 1400°C, the decomposition process is completed by the formation of the equilibrium phases c-TiN and w-AlN, leading to a decreased hardness. 6 Theoretical studies have shown that the driving force for phase separation in Ti 1−x Al x N, manifested by a positive isostructural mixing enthalpy, is mainly due to an electron band-structure effect. This effect is more pronounced for AlN concentrations above 50%. 13 Sc-Al-N is in contrast to Ti-Al-N still a relatively unexplored material system, with the inverse perovskite Sc 3 AlN being the only reported ternary compound.
14, 15 Recently we found that AlN molar fractions of up to 60% can be dissolved into c-Sc 1−x Al x N͑111͒, 16 which is similar to the metastable solubility of ϳ60% AlN in c-Ti 1−x Al x N for magnetron sputtered thin films. 3, 17, 18 First-principles calculations show that the magnitude of the isostructural cubic mixing enthalpy of Sc 1−x Al x N is very similar as for Ti 1−x Al x N. 19, 20 Unlike Ti 1−x Al x N, there is no electronic band-structure driving force for decomposition in Sc 1−x Al x N but instead there is a large volume mismatch inducing a positive mixing enthalpy. Like in Ti 1−x Al x N, though, higher AlN contents yield a mixed system including w-Sc 1−x Al x N. 16 In this work, we performed experiments of the thermal stability and decomposition mechanism during annealing of metastable c-Sc 0.57 Al 0.43 N and c-Ti 0.51 Al 0.49 N films. The compositions of the respective systems were chosen to be similar and close to the center of its miscibility gap but slightly low in AlN content to ensure that the solid solution grows single phase to suppress any surface-initiated phase separation. We reveal differences in patterns and mechanisms for decompositions of the two systems, caused by the different origins of decomposition driving forces present in TM 1−x Al x N pseudobinaries. In situ x-ray diffraction ͑XRD͒ was used to follow the growth of epitaxial Sc 0.57 Al 0.43 N͑111͒ and Ti 0.51 Al 0.49 N͑111͒ thin films by magnetron sputtering and their development during subsequent annealing. Ex situ characterization was performed with analytical transmission electron microscopy and ion-beam analysis. The topotaxial relations between the end products were determined by pole figures measured by x-ray diffraction.
II. EXPERIMENTAL PROCEDURES
The experiments were performed in a high-vacuum sputter deposition chamber equipped with Be windows, 21 mounted onto the goniometer of the ROBL beamline ͑BM20͒ operated by the Forschungszentrum DresdenRossendorf, Germany, at the European Synchrotron Radiation Facility, Grenoble. The setup enables in situ x-ray scattering measurements during film growth and postdeposition annealing at a base pressure of ϳ5 ϫ 10 −4 Pa. The dc magnetron powers were set to P Sc = 56 W for ScN, to The choice of substrates and seed layers is essential in order to avoid peak overlaps in x-ray diffraction while keeping the lattice mismatch small and avoiding interdiffusion between layers. The lattice mismatch between the MgO substrate and ScN seed layer is 6.8%, leading to a clear peak separation in x-ray diffraction. Adding Al in the film leads to Sc 1−x Al x N peaks between ScN and MgO, with reduced crystalline quality for higher x. The Al molar fraction was chosen to ϳ0.4, which yields diffraction peaks easily separable from MgO and ScN while the value is also relatively close to x = 0.5 used in Ti 1−x Al x N. Here, the lattice-parameter difference between rocksalt TiN and AlN is less than 4%, and between TiN and MgO even only 0.7%, leading to peak overlap. Therefore, for the Ti 0.51 Al 0.49 N films, Al 2 O 3 ͑0001͒ substrates and no seed layers were used.
After the depositions, Ar and N 2 sputtering gases were removed and the as-deposited samples were stepwise annealed in vacuum ͑50-100°C per step͒ to a maximum temperature of 1100°C, with ramping times of less than 1 min. The temperature was kept constant and further x-ray diffraction scans were recorded until no phase changes in the films were observed. The dwell time at each temperature was always at least ϳ30 min but could reach a few hours for certain temperatures.
X-ray measurements were performed in situ using monochromatic synchrotron radiation with a wavelength of 1.05 Å. X-ray reflectivity measurements were performed to determine the thickness of the layers. After each deposition and in between each annealing step, symmetric / 2 XRD scans were taken to follow the epitaxial growth and to check for possible phase changes. Pole figures of the annealed samples were recorded ex situ with the same wavelength on the same goniometer, using an Eulerian cradle. The measurements were performed in 3°steps with 0°Յ Յ 360°and 0°Յ⌿Յ90°.
Rutherford backscattering spectroscopy ͑RBS͒, using a 2.0 MeV 4 He + beam with an incidence angle of 55°, an scattering angle of 172°and evaluated with the SIMNRA code, 22 was performed ex situ to determine the film composition of as-deposited and annealed samples, and to check for eventual interdiffusion during annealing. Time-of-flight elastic recoil detection analysis ͑ERDA͒, using a 40 MeV 127 I 9+ beam at 67.5°incidence and 45°recoil scattering angle and evaluated with the CONTES code, 23 was used in addition to determine the composition and to check for light elements and impurities in the films. Cross-sectional ͑scanning͒ transmission electron microscopy ͓͑S͒TEM͔ was carried out on a Tecnai G2 TF 20 UT FEG microscope operated at 200 kV. STEM energy-dispersive x-ray spectroscopy ͑EDX͒ maps of 45ϫ 25 nm 2 areas were obtained with 1 nm 2 pixel size. X-ray photoelectron spectroscopy ͑XPS͒ measurements were carried in a PHI Quantum 2000 instrument using Al K␣ radiation.
To shed further light on the studied topic, first-principles calculations within a density-functional theory approach were performed for the pseudobinary rocksalt alloys Sc 0.625 Al 0.375 N, Sc 0.50 Al 0.50 N, and Ti 0.50 Al 0.50 N as well as for TiN, ScN, and c-AlN. The projector-augmented wave method as implemented in the Vienna ab initio simulation package [24] [25] [26] was used in combination with the generalized gradient approximation for exchange-correlation effects. 27 The alloys were modeled with the special quasirandom structure methods suggested by Zunger et al. 28 and further developed for pseudobinaries in the rocksalt structure by Alling et al. 13 k-point sampling of the Brillouine zone was performed using a Monkhorst-Pack scheme with a grid of 7 ϫ 7 ϫ 7 points for the 64-and 48-atom supercells and with a 21 ϫ 21ϫ 21 grid for the TiN, ScN, and c-AlN binaries. An energy cutoff of 400 eV was used in the expansion of the wave functions.
III. RESULTS AND DISCUSSION
RBS shows that all as-deposited and annealed films have a stoichiometric ͑50 at. %͒ metal sublattice to within Ϯ5 at. %. The remaining content is mainly nitrogen but O, C, and H also exist in the film, further quantified with ERDA ͑see below͒. With the metal-to-N ratio set to 1, the resulting film compositions are Sc 0.57Ϯ0.02 Al 0.43Ϯ0.02 N and Ti 0.51Ϯ0.02 Al 0.49Ϯ0.02 N. After annealing to temperatures of 1100°C, no significant change in composition is seen for Sc 0.57 Al 0.43 N. After annealing Ti 0.51 Al 0.49 N to 1066°C, the amount of Al decreases relative to Ti throughout the film. The well-defined edges of all RBS peaks indicate that there has been no interdiffusion between substrates ͑seed layers͒ and films during deposition or annealing. All films with Sc contain up to 0.05 at. % Ta, which is a well-known contaminant in Sc sputter target material. Figure 1 shows ERDA depth profiles from Sc 0.57 Al 0.43 N films, including ScN seed layers and MgO substrates. The ERDA technique is more suitable for determining concentrations of light elements than RBS but the depth resolution is superior in RBS for films with thicknesses like the ones in this series. Therefore, a combination of these techniques was employed here. The ERDA depth profile from an asdeposited Sc 0.57 Al 0.43 N film is shown in Fig. 1͑a͒ . The oxygen content is below 2 at. % in the film but higher close to the surface. The nitrogen content follows the oxygen almost perfectly so that they sum up to the 50 at. % required for stoichiometric nitrides, and we therefore assume that oxygen exists as a solid solution on the nitrogen sublattice. The Scto-Al ratio agreed well with the RBS results ͑not shown͒. The ERDA depth profile from a similar sample annealed to 1100°C is shown in Fig. 1͑b͒ . Its compositional depth profile is very similar to the as-deposited case ͓cf. Fig. 1͑a͔͒ . The only significant difference is the slightly higher oxygen content throughout the annealed film. The similarity between the results from the as-deposited and annealed samples is of great importance for this study. It means that all phase transformations during annealing take place within the films, without influence from seed layers or substrates, and without loss of material to the vacuum. Figure 2 shows in situ XRD scans recorded during deposition and annealing of ͑a͒ a Sc 0.57 Al 0.43 N ͑111͒ film and ScN͑111͒ seed layer, which are deposited onto MgO͑111͒ at 675°C and 600°C, respectively, and ͑b͒ a Ti 0.51 Al 0.49 N film, which is deposited onto Al 2 O 3 ͑0001͒ at 600°C. For the Sc 0.57 Al 0.43 N case, no phase change is observed up to 900°C. The film peak slightly shifts to lower angles when increasing the temperature. Repeated scans every 30 min at constant temperature do not change the shape of the diffractogram, meaning that the shift of the peak is only due to thermal expansion of the crystal lattice. When increasing the temperature to 1000°C, the shift of the Sc 0.57 Al 0.43 N 111 peak toward lower angle is more pronounced and continues for a repeated scan 30 min later. Still, the process is very slow and would need several hours for a complete overlap with the peak from the ScN͑111͒ seed layer. In fact, an increase in temperature to 1050 and 1100°C leads to a distinguishable peak shift between individual 30 min scans. After ϳ1 h at 1100°C, the film peak has completely vanished. No additional peaks appear in large-angle overview scans. In combination with the RBS and ERDA results, this implies that stoichiometric Sc 0.57 Al 0.43 N͑111͒ has completely de-
composed into c-ScN͑111͒ and AlN with a retained global composition ͑x = 0.43͒.
For the case of Ti 0.51 Al 0.49 N, Fig. 2͑b͒ shows that during annealing the film peak slightly broadens at 800 and 900°C, with two small shoulders emerging at higher and lower angles. This is in agreement with the initial steps of spinodal decomposition, where c-AlN and TiN-rich domains form. The results are similar to a previous ex situ study of films with a similar composition. 6 We thus observe that the first sign of spinodal decomposition in our study agrees with the so-called DSC2 peak at ϳ800°C in Fig. 2 in Ref. 6 . It is not until 1000°C that the film in the present experiment clearly phase separates into TiN͑111͒ and c-AlN͑111͒, which is in line with DSC3 in the same reference. The resulting TiN lattice parameter is 4.25 Å, which deviates by only 0.01 Å from literature values. 30 The deviation of the measured lattice-parameter value for c-AlN of a = 4.15 Å, is, however, slightly higher than literature values ranging from a = 4.05-4.12 Å ͑Refs. 31 and 32͒ ͑ICDD PDF 25-1495͒. There are three possible explanations for that: ͑1͒ stressed c-AlN domains to maintain coherency to the matrix, ͑2͒ residual TiN in the AlN lattice, and ͑3͒ thermal expansion.
We conclude that the present results are similar to those reported in previous experimental studies performed on phase separation of c-Ti 0.50 Al 0.50 N. 6 Furthermore, our results show that the phase-separation process occurs in qualitatively different ways for Sc 1−x Al x N and Ti 1−x Al x N, as no residual c-AlN is visible in the Sc 1−x Al x N XRD measurements.
Cross-sectional transmission electron microscopy images were taken from three different Sc 0.57 Al 0.43 N films, in the as-deposited state, and after annealing to 1000°C and 1100°C, respectively. Overview images showed that the films and seed layers have a columnar microstructure with low-energy surface facets. This is typical for transition-metal nitride growth far from thermal equilibrium, and with low ion bombardment on high-energy surfaces. 33 Likewise, there is also no significant difference in the morphology between as-deposited and annealed samples, due to the lack of bulk diffusion, and the images are similar to Fig. 4͑a͒ in Ref. 16 .
In order to probe deeper into the phase separation during annealing, EDX maps were recorded for the three samples which are shown in Figs. 3͑a͒-3͑c͒ . The green ͑light͒ color corresponds to Sc-rich and the blue ͑dark͒ color to Al-rich regions in the film. In the as-deposited sample in Fig. 3͑a͒ , the Sc and Al atoms are nearly evenly distributed throughout the film, as expected from the XRD results above ͑cf. The ͕1100͖ pole figure in Fig. 4͑a͒ reveals three clusters of intensity from ͑1100͒ and ͑1010͒ at ⌿ ϳ 45°, which are separated by ϳ120°in , corresponding to a threefold symmetry of w-AlN. The clusters are indexed with blue squares, triangles, and rings, respectively. The three reflections visible at ⌿ ϳ 70°, separated by ϳ120°in , together with the reflection in the center correspond to ScN ͕111͖ planes, show up due to a slight overlap between the ScN 111 and AlN 1100 peaks. ScN in the annealed film has the same threefold symmetry as as-deposited Sc 0.57 Al 0.43 N, and this orientation is originally due to the epitaxial growth onto the underlying ScN͑111͒ seed layer.
In Fig. 4͑b͒ , the pole figure of the ͕0001͖ planes of w-AlN reveals three distinct orientations, as a consequence of the threefold texture symmetry of the w-AlN crystallites. The reflections are indexed corresponding to Fig. 4͑a͒ . MgO 111 reflections are seen in this pole figure due to the small difference in plane spacing of w-AlN͑0001͒ and MgO͑111͒, yielding a partial overlap in XRD. Figure 4͑c͒ shows a schematic stereographic projection of all w-AlN poles visible in the pole figures ͑indexed in blue according to the three symbols mentioned above͒ together with the angular positions of the ͕111͖ and certain ͕110͖ poles from ScN ͑indexed with green crosses͒. For w-AlN, only the ring-shaped symbols are indexed but the squares and triangles can easily be indexed by a clockwise rotation around the origin of 120°and 240°, respectively. We note that only two of the in total six permutations of w-AlN͕1100͖ can be seen in the pole figure in Fig. 4͑a͒ . Two more permutations would be at ⌿ = 90°and = 90°or 270°b ut these angles cannot be reached with the used experimental setup and are therefore marked with dotted symbols in Figs. 4͑a͒ and 4͑c͒ . From the stereographic projection, we can thus conclude that w-AlN͗0110͘ ʈ c-ScN͗110͘. The w-AlN 0001 reflections are indexed with solid symbols. They have an exact angular overlap with the three 001 reflections of ScN ͑not shown͒, meaning that ScN͑001͒ ʈ w-AlN͑0001͒.
A schematic illustration of the topotaxial relations between c-ScN and w-AlN in the phase separated film is shown in Fig. 4͑d͒ . The c-ScN is drawn in green ͑light gray in black and white contrast͒, with the ͓111͔ growth direction perpendicular to the paper plane. Hexagons that represent w-AlN are drawn in blue ͑dark gray͒ for three out of the six ScN ͕110͖ permutations of planes, which are perpendicular to ScN͑111͒. It can be seen that w-AlN͑0001͒ ʈ ScN͑001͒ and w-AlN͗0110͘ ʈ c-ScN͗110͘. The resulting lattice mismatch along w-AlN͗1210͘ ʈ c-ScN͗110͘ is −2.5% and the mismatch along ScN͗001͘ ʈ w-AlN͗0001͘ is +10.4%.
A lattice-resolved TEM image from the 1100°C annealed sample in Fig. 3͑d͒ c-AlN components are required to have the same lattice spacing. In the Ti 1−x Al x N system, the solid solution has a strong driving force for isostructural phase separation even in situations where the resulting phases cannot relax their volumes. The reason for this is a strong electronic-structure mismatch effect, which is described in Ref. 13 . In Sc 1−x Al x N, on the other hand, this effect is absent since Sc and Al have the same valence. 19 Indeed, there is no driving force for fixed lattice decomposition in Sc 0.625 Al 0.375 N, as the energy for that is higher as compared to the solid solution for all lattice spacings. This means, that in order for isostructural phase separation to occur in Sc 1−x Al x N, the resulting cubic phases must be allowed to have a considerable amount of volume relaxation. This is, however, not possible during the initial stages of spinodal decomposition.
Instead of isostructural phase separation, one could expect the existence of an isostructural ordering tendency of Sc and Al atoms, similar to the observed bulk coherency in theoretically studied zinc-blende structure Ga 1−x In x N. 36 However, in that study, the ordering temperatures were found to be very much lower than the critical temperature for volume relaxed phase separation, and thus we believe that our as-deposited Sc 1−x Al x N films are indeed solid solutions. The supersaturated solid solution of Sc 0.625 Al 0.375 N can however serve as an AlN donor since it is not trapped into a metastable isostructural decomposing state. At high enough temperatures, however, the diffusion is sufficient for nucleation and growth type phase separation at the domain boundaries. The relatively small lattice mismatch between ScN͑110͒ and w-AlN͑0110͒ enables phase transformation by the formation of c-ScN and w-AlN with semicoherent interfaces, which from pole figures and lattice-resolved TEM was seen to occur. As the formation of AlN takes place through nucleation and growth, the observed formation of ground-state w-AlN rather than c-AlN is what should be expected from the considerably higher energy of the latter.
Our work proves the importance of understanding the physics of thin-film materials on the most fundamental level if distinct and better performing materials, particularly metastable pseudobinary phases, are to be found. We show experimentally that the particular driving force for phase separation, i.e., electronic-structure or volume mismatch, rather than the amplitude of the positive mixing enthalpy decides the decomposition path and resulting morphology of heat treated thin films. c-Ti 1−x Al x N undergoes spinodal decomposition into coherent isostructural AlN and TiN at high temperatures while c-Sc 1−x Al x N phase separates through nonisostructural nucleation and growth of coherent w-AlN at the domain boundaries of a c-ScN matrix, initiated first at even higher temperatures. The impact of the spinodal decomposition on the hardness and cutting performance of Ti 1−x Al x N coatings is well known while the effect of the process at work in Sc 1−x Al x N films remains to be investigated.
IV. CONCLUSIONS
We have shown by thin-film deposition and stepwise annealing that volume and electronic-structure mismatch as the driving forces for phase separation give rise to qualitatively different decomposition behavior and resulting morphology in the metastable rocksalt c-Sc 1−x Al x N and c-Ti 1−x Al x N solid solutions, respectively. Reactive magnetron sputter-deposited Sc 0.57 Al 0.43 N͑111͒ films phase separate at 1000-1100°C, by nucleation and growth at the domain boundaries into coherent c-ScN and w-AlN due to volume mismatch of the respective cubic binaries. The topotaxial relationship is AlN͑0001͒ ʈ ScN͑001͒ and AlN͗0110͘ ʈ ScN͗110͘. This is in contrast to Ti 0.51 Al 0.49 N͑111͒ that undergoes spinodal decomposition into isostructural and coherent TiN and AlN already at 800-1000°C primarily because of the system's electronic structure. First-principles calculations of mixing energy-lattice spacing curves explain the results and open a route for design of novel metastable pseudobinary phases based on an understanding of the physics of functional materials systems on the most fundamental level.
